Dislocation nucleation is essential to the plastic deformation of small-volume crystalline solids. The free surface may act as an effective source of dislocations to initiate and sustain plastic flow, in conjunction with bulk sources. Here, we develop an atomistic modeling framework to address the probabilistic nature of surface dislocation nucleation. We show the activation volume associated with surface dislocation nucleation is characteristically in the range of 1-10b 3 , where b is the Burgers vector. Such small activation volume leads to sensitive temperature and strain-rate dependence of the nucleation stress, providing an upper bound to the size-strength relation in nanopillar compression experiments. DOI: 10.1103/PhysRevLett.100.025502 PACS numbers: 62.20.ÿx, 61.72.Lk, 82.20.Pm Small-volume materials with large surface areas have increasingly become the basic building blocks of modern technology. The mechanical properties of such surfaceconfined materials are drastically different from their macroscale counterparts. Recent mechanical testing of smallvolume metals have measured unusually high strength, at levels of a significant fraction of their ideal strength. For example, uniaxial compression of single-crystal Au pillars with diameter 300 nm [1-3] gave flow strengths 800 MPa. In comparison, the predicted ideal bulk shear strength of Au is only 850 MPa to 1.4 GPa, depending on the mode of loading [4]. Since surface is itself a defect, with significantly miscoordinated atoms compared to the perfect crystal [5], it is natural to ask to what degree the strength of a small-volume material reflects surface properties and surface-mediated processes [6 -8], particularly when the sample size is in the range of tens of nm [9] .
Small-volume materials with large surface areas have increasingly become the basic building blocks of modern technology. The mechanical properties of such surfaceconfined materials are drastically different from their macroscale counterparts. Recent mechanical testing of smallvolume metals have measured unusually high strength, at levels of a significant fraction of their ideal strength. For example, uniaxial compression of single-crystal Au pillars with diameter 300 nm [1] [2] [3] gave flow strengths 800 MPa. In comparison, the predicted ideal bulk shear strength of Au is only 850 MPa to 1.4 GPa, depending on the mode of loading [4] . Since surface is itself a defect, with significantly miscoordinated atoms compared to the perfect crystal [5] , it is natural to ask to what degree the strength of a small-volume material reflects surface properties and surface-mediated processes [6 -8] , particularly when the sample size is in the range of tens of nm [9] .
Dislocation nucleation is expected to be an important factor in the deformation of small-volume materials at low temperature [1, 10, 11] . In macroscale materials, the density of dislocations increases rapidly once deformation starts, due to double cross slip and other Frank-Read [12] type multiplication processes. In contrast, dislocation multiplication in small-volume samples must contend with dislocation loss from free surfaces, which could lead to dislocation starvation in the bulk. It is also possible that in small-volume materials, the initial configuration does not contain a single dislocation in it [9] . Under these dislocation-starved scenarios, dislocation nucleation from the surface potentially plays a critical role in controlling plastic deformation.
Molecular dynamics (MD) simulations have often been used to probe dislocation nucleation in the bulk crystal and from the surface [13, 14] . While MD simulations have revealed rich atomic-scale details of dislocation nucleation processes, they provide less quantitative information regarding plasticity in normal laboratory experiments because of the extreme strain rate ( _ 10 7 -10 9 =s) applied. A natural question to ask is: to what degree does the MD result reflect real deformation physics in laboratory experiments where the strain rate is typically <1=s. To understand the nature of surface nucleation, and to enable quantitative correlations between MD and experimental results, here we take a related but different approach that combines transition state theory and detailed atomistic energy landscape [15] . Such approach allows us to predict the nucleation stress over a large range of temperatures and strain rates, and reveal its statistical nature [16, 17] without the limitation of excessive strain rates.
Surface dislocation sources can be characterized by two quantitative measures: athermal strength and activation parameters. The former measures the elastic limit of the surface, at which a dislocation nucleates instantaneously without the aid of thermal fluctuations. The activation parameters, including the activation energy and activation volume, characterize the probabilistic nature of dislocation nucleation by thermal fluctuation when the applied load is below the athermal limit. Specifically, at a given temperature T and stress , the nucleation rate is
Here, 0 is the attempt frequency, N is the number of equivalent surface nucleation sites, k B T is the thermal energy, and Q is the activation free energy [11] whose magnitude is controlled by the local stress . The activation volume , defined as the derivative of activation free energy with stress, i.e., ; T ÿ@Q=@j T k B T@ ln=@, measures the sensitivity of nucleation rate to stress. While the athermal surface strength has received significant attention in recent years [5, 6] , the activation parameters of surface dislocation source have not been quantitatively studied using the atomistic approach. Equation (1) gives the nucleation rate when the system is under constant stress. But in experiments, constant strain rate is more commonly used. Consider a dislocation-free nanowire under constant elastic strain rate _ , such that the
week ending 18 JANUARY 2008 0031-9007=08=100(2)=025502 (4) 025502-1 © 2008 The American Physical Society stress and time t are directly related by E _ t, where E denotes the apparent Young's modulus of the wire. The probabilistic nature of a thermally activated nucleation process dictates that the nucleation stress is a distribution rather than a constant value when many repeated tests are performed. One can define the (most probable) nucleation stress as the load when the dislocation forms most frequently. An implicit expression [16, 17] can be derived for the nucleation stress when the wire is under constant temperature and strain rate [18] ,
In a first approximation of the temperature effect on the activation free energy Q; T [19] , we take Q; T 1 ÿ T=T m Q 0 , where T m is the surface disordering temperature, and Q 0 is the activation energy on the zero-T potential energy surface (PES). It follows that the activation volume ; T 1 ÿ T=T m 0 , where 0 ÿdQ 0 =d. The prediction of nucleation stress is then reduced to the problem of finding the minimum energy path (MEP) [20] of nucleation on the zero-T PES; namely, Q 0 can be calculated as the energy difference between the saddle point and initial equilibrium state on the MEP, and 0 is vibrational frequency of the normal mode in the MEP reaction coordinate direction at the initial equilibrium state. One can determine the MEP by using, for example, the free-end nudged elastic band (FENEB) method [15] , developed recently to efficiently explore strongly driven reactions.
To apply the above atomistically-based, nonlinear theory to predict surface dislocation nucleation, we have studied a model system of a Cu nanowire deformed under uniaxial compression [18] . The wire is initially a perfect crystal with a [001] axis. It has a square cross section and f100g side faces, see Fig. 1 (a). We study representative unit processes of the nucleation of a Shockley partial dislocation on one of the f111gh11 2i slip systems for which the resolved shear stress is maximized. Parenthetically, there are generally three surface nucleation scenarios: (A) a single leading partial dislocation, (B) a full dislocation, with complementary leading and trailing partials, and (C) deformation twinning. The present study focuses on a leading partial dislocation because even in the cases of (B) and (C), nucleation of the first leading partial is usually the most difficult, rate-limiting step [21] . Two representative (competing) nucleation sites are examined: the middle of side surface, which is atomically flat, and the 90 sharp corner, which is an extreme case of heterogeneous surface nucleation. When the wire is under a prescribed compressive stress, e.g., 3.3 GPa (the corresponding compressive strain is 0.085), Fig. 1 (b) and 1(c) show, respectively, the saddle-point atomic configurations of nucleation from the side surface and the corner, both of which are identified by the FENEB calculation. The area enclosed by the loop corresponds to the activation area that the dislocation line has swept out between the stable (perfect wire without dislocations) and unstable (saddle-point) equilibrium states. Physically, the size of the activation area is proportional to the activation volume, which is to be quantitatively evaluated. We calculate the activation energy Q 0 , and obtain Q 0 0:64 eV for nucleation from the side surface and Q 0 0:1 eV for corner nucleation. Assuming the same attempt frequency for the two processes, Eq. (1) dictates that the nucleation from corners dominates over competing surface sources such as atomically smooth surface. The favored mode of corner nucleation has been confirmed by our direct MD simulations. We hereafter focus on the corner nucleation, and study the temperature and strain rate dependence of the nucleation stress.
Next, consider the corner dislocation nucleation in a nanowire under constant strain rate. Prediction of nucleation stress based on Eq. (2) requires atomistic input of stress dependent activation energy and activation volume. In Fig. 2(a) , we show with circles the calculated activation energies of corner nucleation at different stresses; the solid line is a fitting curve by taking the functional form Q 0 A1 ÿ = ath , we obtain A 4:8 eV, ath 5:2 GPa, and 4:1. In Fig. 2(b) , we show the activation volume as a function of stress, which is calculated by 
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when Q 0 0:6 eV, a barrier giving a nucleation rate comparable to typical laboratory experiments (seconds to hours time scale) at room temperature, the corresponding activation volume 0 is about 5b 3 . Moreover, our calculations show that for dislocation nucleation from other types of surface sources, e.g., atomically smooth surface [see Fig. 1(b) ], the associated activation volumes are similarly small, about 10b 3 . We also change the (100) surface to (111) surface, as well as create surface steps on the (111) surface with and without kinks. We find that when Q 0 0:6 eV, the corresponding activation volumes are about 2b 3 . Altogether, these data show surface dislocation nucleation has activation volumes in the range of 1-10b 3 . The physical significance of such characteristic activation volume will be demonstrated next on the temperature and strain-rate sensitivity of nucleation stress.
For corner nucleation, Fig. 3 shows the nucleation stresses (solid lines) predicted by numerically solving Eq. (2) with Q 0 and 0 as an input [18] . Here, the nucleation stress is plotted as a function of temperature at two characteristic strain rates, _ 10 ÿ3 =s and _ 10 8 =s, which are typical of laboratory experiments and MD simulations, respectively. To verify theoretical predictions, we have performed direct MD simulations under constant strain rate (about 10 8 =s) and isothermal conditions. Figure 3 also shows the nucleation stresses (circles) collected from MDs; the scattering of nucleation stresses from MDs is attributed to the effect of thermal uncertainty. Evidently, transition-state-theoretic predictions agree with direct numerical experiments at high strain rates.
The nucleation stresses in Fig. 3 show significant temperature sensitivity. Particularly, we note that under a low strain rate of _ 10 ÿ3 =s, the nucleation stress drops by more than 70% as T increases from nearly zero to room temperature. This result clearly underscores the importance of the temperature effect in correlating the zero-T calculations (e.g., ideal surface strength) [5, 6] with roomtemperature experimental measurements (e.g., compressive strength of nanowires or nanopillars).
The sensitive temperature dependence of nucleation stress arises because of the characteristically small activation volume associated with surface sources. To render this point physically transparent, let us consider a simple case where the activation energy depends linearly on stress. Suppose one knows the activation volume at a given stress, denoted as, the activation energy Q near can be approximated by a linear relation Q Q ÿ ÿ , or equivalently Q Q ÿ , where Q Q and it corresponds to the nucleation barrier in the absence of applied stress within the linear approximation of stress-dependent activation energy. The nucleation stress given by Eq. (2) is then Q
Here, the first term Q = is the athermal nucleation stress causing instantaneous dislocation nucleation in the linearized model of stress-dependent activation energy. The prefactor of the second term k B T= has a stress unit, and it sets the scale of nucleation stress reduction due to thermal fluctuation. In the logarithmic function, k B TN 0 is the rate of energy exchange of the candidate nucleation sites with the thermal bath, and E _ is the rate of activation energy reduction by the mechanical work. The ratio between the two terms determines the competition of thermal and mechanical effects in mediating the nucleation stress reduction (/k B T=) due to thermal fluctuations.
Equation (3) explicitly shows the functional dependence of nucleation stress on temperature and strain rate; namely, scales, respectively, with T lnT and ln _ . Since T premultiplies the logarithm, the nucleation stress should be most sensitive to temperature, particularly when the activation volume is small. Recall that in Fig. 2 , we show within a range of barrier from 0.1 to 0.6 eV that controls the rate processes in Fig. 3 , the activation volume varies, but it remains in a characteristic range of a few b 3 . Such small activation volume causes the sensitive temperature dependence of nucleation stress, as shown in Fig. 3 . It is important to note that the activation volume for a typical bulk dislocation source, such as the Frank-Read source, is between 100-1000b 3 , leading to the commonly observed rate-insensitive plastic yield in large crystals at room temperature. This large difference in activation volume between surface and bulk dislocation processes suggests that activation volume can be taken as a kinetic signature of deformation mechanism [22] . Additionally, while the strain rate _ is inside the logarithm in Eq. (3), its effect could be significant on the predicted nucleation stress. calculation results with laboratory experiments, the influence of strain rate could not be ignored, as shown in Fig. 3 . Equation (3) also reveals a size effect on the nucleation stress [16, 17] because a change in the wire geometry directly affects the number of equivalent surface nucleation sites N. Since N is in the logarithmic function of Eq. (3), the size effect arising from surface nucleation is expected to be weak, compared to that in micropillars showing a power-law scaling with an exponent in the range from ÿ0:6 to ÿ0:7 [3, 23] . The latter scaling behavior likely arises from collective dislocation dynamics inside the pillar [23] involving dislocation interactions and multiplications, when the pillar volume is large enough to sustain such a population. Since surface dislocation nucleation likely dominates plastic yielding in the nanoscale samples due to dislocation source starvation in the bulk, one thus expects a transition in the scaling behavior of yield stress on the sample size in an approximate range of tens of nanometers, as illustrated by Fig. 4 . Recent experiments on the nanoscale samples show hints of such transition [1] [2] [3] , but more detailed experimental and modeling studies are needed. Finally, we note that a change in the wire geometry will also affect the activation energy Q 0 and the activation volume 0 due to the long range elastic interaction associated with the image effects of free surface of the sample, as well as the effect of internal stress of other corners. To evaluate their quantitative influences, we have studied a wire with the side length doubled. When Q 0 varies between 0.24-0.52 eV, the averaged 0 is about 4b 3 , consistent with the previous results that the activation volume of surface dislocation nucleation is in the range of 1-10b 3 . In conclusion, the present work addresses the surface dislocation nucleation aspect of small scale plasticity. We find surface sources have a unique kinetic signature: a small activation volume leading to increased strain-rate and temperature sensitivities of flow stress. A transition in the rate-controlling flow mechanism is predicted from collective dislocation dynamics to single dislocation nucleation for small-volume materials with length scale of tens of nanometers.
T. Z. is supported by NSF Grant No. CMMI-0653769. [23] , where the rate insensitive plastic yield is governed by dislocation dynamics inside the pillar. In very small pillars, surface dislocation nucleation is expected to dominate, giving a logarithmic dependence of yield stress to the pillar size and providing an upper bound to the size-strength relation in nanopillar compression experiments; this upper bound is strain-rate sensitive because of the small activation volume.
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Model and Method
The wire has an initial axial length l 0 = 7.23nm and side length a 0 = 5.42nm. The total number of atoms within the system is 18, 000. The atomic interactions are modeled using the embedded atom method (EAM) potential of Mishin et al. In CINEB calculations, we choose an initial state where a perfect nanowire (under a prescribed strain) is fully relaxed, and a final state where an embryonic dislocation loop has formed in the wire (at the same axial strain as the initial state), but before the loop has propagated away. To create this final state, the embryonic dislocation loop can be generated by direct molecular dynamics simulation, which is time consuming because of the rare-event nature of thermally activated processes. Alternatively, a scheme of steered nucleation can be programmed that involves consecutive operations of cut, shift, and constrained relaxation.
To obtain a fully relaxed and stable elastic band, we have improved the original CINEB method by allowing a free end state, while keeping its energy unchanged; such scheme is called free-end nudged elastic band (FENEB) method 7 . In this way, one can keep the end state close to the saddle-point/initial states in terms of the difference in energy or the hyperspace distance. In our calculations the energy of the final state is fixed at 0.1eV below the initial state. As a result, the number of replicas along the band can be significantly reduced while retaining a reasonable density of replicas near the saddle point, e.g., eight
replicas are sufficient to obtain a converged saddle-point state that we have double-checked using the dimer method 8 . The FENEB calculation is considered converged when the force on each replica perpendicular to the path is less than 0.002 eV/A.
One can also determine the physical attempt frequency ν 0 from NEB calculations. For monatomic systems, ν 0 can be computed as ν 0 = The mean nucleation stress given in Eq. (2) in the text can be derived as follows. Define f as the survival probability of an initially elastic wire,
where ν is the nulceation rate given by Eq. (1) in the text. Because the load is applied via constant strain rate˙ , the stress σ and time t are directly related by σ = E˙ t, so
As σ increases, f (σ) decreases and ν(σ) increases, giving rise to a maximum of df (σ)/dσ.
The most probable nucleation stress is defined by the peak of df (σ)/dσ,
